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Abstract: A competition between hardening and softening hydrogen effects on the cyclic behaviour
of <001> oriented nickel single crystal have been observed and discussed in terms of effective and
back stresses partitioning, but also in terms of composite model which illustrates the interaction
between hydrogen and dislocation organisation. The hydrogen hardening associated with
dislocation wall phase is a key feature which has been discussed and elucidated at edge dislocation
dipoles scale using atomic calculations in nickel single crystal. The aim of our study was to evaluate
the stability of this dislocation organisation in the presence of hydrogen, vacancies and vacancy
clusters. As the main result, we noted that hydrogen in Cottrell’s atmosphere hardens dipole
configurations following solid solution strengthening and vacancies induced by hydrogen
incorporation and cyclic loading attenuate this result. Moreover, the consequences of vacancies are
more important when they are regrouped as clusters than when they are homogeneously distributed
in the Cottrell’s atmosphere. Such results can explain the complex behaviour of the wall phase and
the consequence on long-range internal stresses observed in the first part of this study.
Keywords: A: edge dislocation dipole, A: fatigue; B: crystal plasticity, C: numerical algorithms;
hydrogen

1. Introduction
Hydrogen-dislocation interactions and their impact on the plasticity are well accepted as key
features in understanding hydrogen embrittlement (Delafosse, 2012; Feaugas and Delafosse, 2019;
Lynch, 2019; Robertson et al., 2015, 2009). The effect of hydrogen on the mechanical behaviour at
multi-scale of metallic materials under tensile loading has been widely studied (Castelluccio et al.,
2018; Delafosse, 2012; Feaugas and Delafosse, 2019; Robertson et al., 2015) but under cyclic loading
the consequences of hydrogen has been less investigated (Magnin et al., 2001). Therefore, we purpose
this multi-scale analysis to capture the fundamental phenomenon occurring under cyclically strained
FCC metal-containing hydrogen.
This multi-scale study is composed of two articles (part I: (Hachet et al., 2019) and part II:
this work) and aims to determine the consequences of hydrogen on the mechanical response of
cyclically strained nickel single crystal oriented for multi-slips (load axis parallel to <001>). The first
article, based on a multi-scale experimental analyses, highlights a softening effect of hydrogen when
the metal was cyclically strained at hardening stage II0 and III0, and a minor hardening was noted at
stage III. The hardening and softening effects have been discussed in terms of effective and back
stresses partitioning to track respectively the impact of hydrogen on the short and long-range
interactions of dislocations. The softening effect has been attributed to a reduction of the effective
stress
and suggests an elastic shielding of the solute, which is in relation with the HELP model
(Hydrogen-Enhanced Localized Plasticity) (Beachem, 1972; Birnbaum and Sofronis, 1994;
Delafosse, 2012; Delafosse and Magnin, 2001; Hachet, 2018). A more complex behaviour has been
and will be investigated in the present article using atomic
observed for the back stress
calculations. Moreover, cyclic tests induced specific dislocation organisations, visible at lower length
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scales, similar to a composite organisation composed of dipolar wall and channel phases, in agreement
with the literature (Argon, 1996; Laird, 1996; Li et al., 2011; Mughrabi, 1988, 1987, 1983). From the
transmission electron microscopy (TEM) characterisation and nano-indentation (NI) tests, we have
noted that hydrogen hardens wall phase while softens the channel phase for all plastic strain
amplitudes studied (Hachet et al., 2019).
Since two phases have been induced by fatigue, different mechanisms occurred in each phase
and hydrogen impacts differently these phases. In the channel phase, it has been well established that
cross-slip events of screw dislocations occurred (Bonneville and Escaig, 1979; Escaig, 1968; Hull
and Bacon, 2011; Rao et al., 2010; Saada, 1991). The energy activation of this mechanism has been
characterised by molecular dynamics (MD) simulations in nickel single crystal (Rao et al., 2011,
2010). The authors have noted in the presence of forest dislocations, the activation energy decreased
and the probability of cross-slip event increased. Moreover, this energy depends on the dissociation
distance of partial dislocations in FCC crystals since screw dislocations are dissociated in these
materials. Therefore, previous studies have been devoted to determine the most favourable
segregation sites of hydrogen in dissociated screw dislocations in nickel (Tang and El-Awady, 2012).
The authors have highlighted that the binding energy is low enough for hydrogen to segregate into
the stacking fault ribbon in case of dissociated screw dislocation only. Moreover, another study has
investigated the effect of hydrogen incorporated into the stacking fault ribbon on the probability of
cross-slip event to occur (Wen et al., 2007). The latter study indicates that the solute increases the
dissociation distance between partial dislocations and induced an increase of 55% of the cross-slip
activation energy. Experimentally, when hydrogen is pre-charged in nickel single crystal cyclically
strained and oriented for single slip (Magnin et al., 2001) or multi-slips (Hachet et al., 2019), it has
been demonstrated that the solute delays the beginning of the hardening stage III0. This result is a
direct observation of the reduction of cross-slip events due to hydrogen incorporation (Delafosse and
Magnin, 2001; Magnin et al., 2001). Therefore, in channel phase, hydrogen increases the mobility of
dislocations locally, which induces a localisation of plasticity, according to the proposed HELP
model, but also delays the cross-slip events of screw dislocations. This induce a softening of the
channel phase and reduced the effective stress noted in the first part of this study.
As for the complex behaviour of the back stress observed when hydrogen is pre-charged in
cyclically strained nickel single crystal, it is related to the hardening of the wall phase due to the
hydrogen incorporation. It is well-known that cyclic loadings induced a dipolar configuration of edge
dislocations into the wall phase (Li et al., 2011; Mughrabi, 1983; Tippelt et al., 1997) and the strength
of the phase depends on the elastic equilibrium of the edge dislocation dipole (Antonopoulos et al.
1976; Tichy and Essmann, 1989). Different dipole mechanism formations have been proposed (Fourie
and Murphy, 1962; Kroupa, 1966; Price, 1961; Segall et al., 1961; Tetelman, 1962) and have been
revisited in a more recent study assisted by computational simulations (Erel et al., 2017; Veyssière
and Chiu, 2007). Asides from mechanisms related to climb processes of dislocations, edge dislocation
dipoles are mostly formed in channel phase, then, it is assumed they are quickly pushed back in the
wall phase and agglomerated in this phase. Extensive work has been performed in literature to
describe the interaction between hydrogen and edge dislocations (Chateau et al., 2002; Girardin and
Delafosse, 2004; Gu and El-Awady, 2018; Sofronis and Birnbaum, 1995; Tang and El-Awady, 2012;
Tehranchi et al., 2017; von Pezold et al., 2011). In case of FCC crystal, the solute segregated mainly
into the tensile area of dislocations (Cottrell, 1953; Hirth and Lothe, 1982; Kirchheim, 1981; Sofronis
and Birnbaum, 1995) to the point that some work suggests that nano-sized hydrides can be formed in
this area (von Pezold et al., 2011). Such behaviour induces a reduction of the stacking fault ribbon
and amplify the shielding effect of hydrogen described by HELP mechanisms (von Pezold et al.,
2011).
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However, it is also well-known that hydrogen and fatigue loadings favour the formation of
vacancies and vacancy clusters (Carr and McLellan, 2004; Essmann and Mughrabi, 1979; Fukai,
2005; Harada et al., 2005; Nagumo, 2016; Oudriss et al., 2012; Polak, 1969; Saada, 1960; Saada and
Veyssière, 2002). Vacancies, unlike hydrogen atoms, are formed in the compressive area of edge
dislocations in FCC metals when they are in the vicinity of these defects (Clouet, 2006; Sato et al.,
2004). Therefore, in the case of vacancies induced by the hydrogen incorporation close to edge
dislocations, the study becomes more complicated. Since both dislocations and vacancies have a
trapping effect on hydrogen, previous studies have been performed with atomic calculations (Bhatia
et al., 2014; Li et al., 2015; Tehranchi et al., 2017; Zhu et al., 2017). Notably, it has been pointed out
that vacancies and hydrogenated vacancies can reduce or increase the yield stress of the material,
inducing softening or hardening mechanisms (Tehranchi et al., 2017). In the latter study, the impact
of such defects has been discussed with solid solution strengthening theory in order to establish the
connection between the strength, solute concentration, and misfit strain tensor. The formation of
vacancies also occurred when FCC metals are cyclically strained, mostly due to the annihilation of
dislocations and non-conservative movement of jogged dislocations (Essmann and Mughrabi, 1979;
Man et al., 2009; Saada, 1960). Thus, two sources of vacancy formations around dislocations dipole
are noted for cyclically strained nickel-hydrogen systems.
The effect of the same solute on the strength of solids can be opposite depending on its
concentration, the particle size or ageing time (Hull and Bacon, 2011). Therefore, solid solution
strengthening theory has been developed in order to describe the experimental effect of solute (Cahn
and Haasen, 1996; Fleischer, 1963; Friedel, 1964; Kubin, 1993; Labusch, 1970) and has been used to
describe effect of impurities on dislocations with atomic calculations (Patinet and Proville, 2008;
Tehranchi et al., 2017; Varvenne et al., 2017; Zhao et al., 2018). In the case of vacancies and
hydrogenated vacancies interactions with edge dislocations, Tehranchi et al. have found with
numerical methods that vacancies harden edge dislocations and hydrogenated vacancies attenuate this
results (Tehranchi et al., 2017). However, questions remaining the effect of hydrogen alone and
vacancies induced by hydrogen incorporation on edge dipolar configurations are still unknown and
will be investigated in this work, since this dislocation organisation corresponds more exactly to the
walls observed when the metal is cyclically strained. Since the softening of channel phase is easily
explained from the HELP model, this work focuses mainly on the interactions between hydrogen and
the fatigue-induced defects using a numerical approach in order to understand the hardening of the
wall phase due to hydrogen incorporation and its interaction with edge dislocation dipoles.
In this article, we first detail the numerical approach to evaluate the stability of edge
dislocation dipoles in the presence of hydrogen atoms and vacancies, since the strength of the dipolar
wall phase developed during cyclic loading depends on the elastic equilibrium of the dipolar
configuration. In parallel to these calculations, we have developed an analytical approach based on
the elastic theory and solid solution strengthening of dislocations. The results are compared and
discussed in the followings. From these approaches, a competition of the effect of hydrogen and
vacancies has been noted and compared with the results from the first part of this study in order to
explain the hardening of the wall phase and the complex behaviour of the back stress.
2. Computational details and theory
2.1 Interatomic potentials and edge dislocation dipoles formation
To describe the behaviour of hydrogen atoms into nickel matrix with MD simulations, the
EAM (embedded atoms model) potential of Angelo et al. (Angelo et al., 1995) is widely used in the
literature (Hallil et al., 2018; Tang and El-Awady, 2012; Tehranchi et al., 2017; Tehranchi and Curtin,
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2017; von Pezold et al., 2011; Wen et al., 2007; Xu et al., 2002; Zhao et al., 2018; Zhou et al., 2016,
2018). Therefore, we have first compared this potential with a MEAM (modified EAM) potential
which takes into account the angular forces of atoms. It has been developed by Lee et al. and Ko et
al. and aims to describe hydrogen atoms in nickel matrix (Ko et al., 2011; Lee et al., 2003). The
comparison between both potentials has been done on the stability of edge dislocations dipoles of
pure nickel, before the incorporation of the solute or the formation of vacancies.
In this work, large-scale MD simulations have been performed using LAMMPS code
(Plimpton, 1995) and we have used OVITO (Stukowski, 2010) to visualise the relaxed atomic
structures. For all calculations, the X, Y and Z axes have been respectively parallel to 11̄0 , 111
and 1̄1̄2 directions in order to investigate the stability of edge dislocation dipoles of nickel in the
presence of hydrogen and vacancies. Moreover, the use of periodic boundary condition implies each
dipole can interact with an infinite number of dislocations. Therefore, two dipole configurations,
which are called multipole and isolated dipole configurations have been studied. For both cases, the
formation of dipolar configuration has been performed following the method presented in the work
of Tichy et al. (Tichy and Essmann, 1989) and Chang et al. (Chang et al., 2002). The dislocation
(
= √3⁄3 and the lattice
dipole with a height of times the 111 interplanar distance
parameter of the metal) has been introduced by removing two atomic columns with a dimension of
1⁄2 11̄0 × ℎ with ℎ the dipole height equal to ×
.

For the multipole configuration, dislocations have been placed at a height ℎ which varies from
1.2 nm to 61 nm and the box standards along the X and Y axis have been equal to 2ℎ. Hence, the
periodic boundary condition implies that the image dislocations, which are at the same distance of
the ones into the simulation cell and induced a multipole structure. The lattice repetition along the Z
axis has been fixed to two for all simulations and the number of atoms was between 456 and 1174800
nickel atoms (depending on the dipole height). The isolated dipole configuration consists in
representing the behaviour of isolated edge dislocation dipoles. Therefore, the box standards along X
and Y axes have been fixed at 100 nm and the dipole height has stayed between 0.6 nm and 50 nm
before the energy minimisation of each simulation cells at 0K. For this configuration, we assumed
the interactions with the dislocation images are negligible since the height ℎ is low in comparison
with the box standards along X and Y. The box standard along Z axis has been also fixed to two, thus
the number of nickel atoms has been varying between 751440 and 752632 atoms depending on the
dipole height.

The energy minimisation of each simulation cells has been first performed at constant volume,
then with an applied pressure equal to 0 GPa at the boundaries of the simulation cell using a conjugate
gradient algorithm for both configurations. Here, each dislocation has been dissociated into two
partial dislocations separated by a stacking fault represented by red and blue atoms in figure 1(a).
After the energy minimisations of the simulation cells, the dissociation distance
between two
partial dislocations and the deviation angle between both dislocations (illustrated in figure 1.(b))
have been calculated as a function of the dipole height ℎ. These calculations have been performed in
order to evaluate the most suited potential and best dipole configurations in pure nickel to incorporate
hydrogen and to form vacancies.
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Figure 1: Relaxed simulation cell containing 2 edge dislocations (a). For clarity, only atoms
belonging to the dislocation are shown and their colours are chosen from the common neighbour
analysis. Hence, the blue atoms represent the stacking fault while the red ones are the core of the
partial dislocations. Sketch of the simulation cell after the energy minimisation highlighting the
dissociation distance
and the deviation angle between both dislocations (b).
2.2 Hydrogen incorporation and vacancies formation
Hydrogen atoms have been incorporated into simulation cells containing edge dislocation
dipoles in order to evaluate their consequences. To incorporate hydrogen atoms, the stress tensor of
each nickel atom has been firstly calculated after the formation of the dislocation dipoles. The
hydrostatic pressure acting on each atom has been evaluated and the solute has been incorporated in
the tensile area of each dislocation since hydrogen segregates more favourably into this area around
edge dislocations (Cottrell, 1953; Hirth and Lothe, 1982; Kirchheim, 1981; Sofronis and Birnbaum,
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1995). For the sake of clarity, we have chosen to limit the dynamic interaction between the cloud of
impurities (i.e.: Cottrell’s atmosphere) and the dislocation when the hydrostatic pressure was larger
or equal to 10 GPa instead of adjusting gradient of hydrogen concentration around the dislocation.
This method was used in order to simply quantify the local concentration of hydrogen. Then, 25 and
50 hydrogen atoms have been randomly incorporated per lattice repetition along the Z axis into the
simulation cell. Because the lattice repetition along the Z axis has been increased to 16, 400 and 800
solute atoms have been incorporated in each cell.
The energy minimisation has been performed by imposing a pressure equal to 0 GPa at the
limits of the simulation cell after the incorporation of hydrogen. The latter segregates to its closest
interstitial sites during this step. Then, each simulation cell has been relaxed at 100K at constant
volume during 200 ns allowing hydrogen atoms to segregate from a tetrahedral site to an octahedral
site since the last is the most favourable interstitial site for hydrogen incorporation (Connétable et al.,
2014; Metsue et al., 2016; Nazarov et al., 2014). Finally, the last energy minimisation has been
performed at 0K before evaluating the stability of edge dislocation dipoles in the presence of
hydrogen.
The stability of edge dislocation dipoles has been also performed in the presence of vacancies
besides hydrogen. In previous work, notably related to the irradiated materials, it has been well
established that vacancies are formed in the compressive area of edge dislocations in FCC metals
(Clouet, 2006; Sato et al., 2004). When nickel-hydrogen systems is cyclically strained, two sources
of vacancy formation are obtained. In this situation, the interaction between hydrogen and vacancy
does not exactly corresponds to hydrogenated vacancy and these point defects around dislocations
can segregate to positions where they are not stable without hydrogen. For instance, supplementary
material 1 presents an example of relaxed (at 100K for 200 ns) dislocation dipoles configurations
with vacancies in the tensile areas of edge dislocations (similar to a dipolar configuration with
vacancies when hydrogen is desorbed). In this case, the thermal relaxation allows the dislocation to
move in its glide plane. Thus, when vacancies have been formed by the solute and the latter is
desorbed, edge dislocation dipoles will not trap the point defect. Therefore, the study has been focused
on the effect of formed vacancies and clusters in the presence of hydrogen on the stability of edge
dislocation dipoles. Moreover, we have evaluated in previous studies that the concentration of
vacancies is in the same order of the concentration of hydrogen when it is incorporated into nickel
single crystal (Hachet et al., 2018). Therefore, we have chosen to randomly form 25 vacancies per
lattice repetition along the Z axis into simulation cells containing hydrogen. Since there are 16 lattice
repetitions along this axis, 400 (200 per Cottrell’s atmosphere) vacancies have been incorporated.
These points defects have been formed before the relaxation at 100K of the simulation cells.
Finally, since it has been observed with TEM images that pre-charged hydrogen-induced
vacancy clusters about 2 nm of diameter (Hachet et al., 2018), we have studied the stability of edge
dislocation dipoles with vacancy clusters besides hydrogen. Such atomic calculations are performed
in order to compare the effect of homogeneously distributed vacancies to the same amount of
vacancies but regrouped at one area in the Cottrell’s atmosphere. Hence, we have formed an isotropic
sphere of vacancies about 0.8 nm (which correspond to approximately 200 vacancies) in each
Cottrell’s atmosphere of the different simulation cells containing hydrogen atoms.
2.3 Stability of dislocation dipoles from elastic theory and solid solutions strengthening theory
The stability of edge dislocation dipoles in pure nickel has also been calculated from elastic
theory for isolated dipole and multipole configurations by determining the critical passing stress
needed to break the elastic equilibrium of the configuration. In case of isolated configuration, details
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can be found in various work (Cai and Nix, 2016; Friedel, 1964; Hirth and Lothe, 1982; Kroupa,
1966; Veyssière and Chiu, 2007; Wang et al., 2008). Assuming two dislocations are in a configuration
identical as the one presented in figure 2(a), dislocation 1 is fixed and the temperature of the system
is low enough to neglect the climb force, the stress fields around dislocation 2 is:
!
'#' ( − 1( &
=
2"#1 − %&ℎ #' ( + 1( &(

(1)

Where ' = *⁄ℎ, the shear modulus
= 111 +110, and the Poisson ratio % =
% 111 +100, are equal to 74 GPa and 0.23 (values calculated from the elastic constants determined
by DFT calculations in previous work (Hachet et al., 2018)). Without any external force, the dipolar
configuration is in elastic equilibrium when ' = 0 and ' = 1 (or when the deviation angle =
-./ 0#'& is equal to 0° or 45°). Moreover, when the system is sheared, the critical passing stress
needed to break the elastic equilibrium can be determined from equation (1) and is equal to (the
development is presented in supplementary material 2):
= 0.125

!
"#1 − %&ℎ

(2)

This result stands for undissociated isolated dislocation dipoles, but the atomic simulations
present dissociated dislocations. Since it has been noted in previous work that the dissociation has a
minor effect of the stability of edge dislocation dipole (Veyssière and Chiu, 2007), we assume that
dissociated dislocations have an elastic behaviour similar to undissociated dislocations in the
following the analytical approach of this study.
In case of multipole configuration, we have assumed the elastic stress fields induced by
dislocations placed at a distance larger than 2ℎ are negligible in comparison with elastic stress fields
induced by the closest dislocations. A representation of the configuration is displayed in figure 2.b.
In this analytical approach, we have supposed that dislocation 2 is fixed, in addition to its dislocation
images 3, 4 and 5, inducing a stress field around dislocation 1 equal to:
3456

!
'#' ( − 1& #2 − '&##2 − '&( − 1&
=
7
−
8
##2 − '&( + 1&(
"#1 − %&ℎ #' ( + 1&(

(3)

Unlike isolated edge dislocation dipoles, 3456 of equation (3) is not equal to 0 when ' = 0
in case of multipole configuration. Assuming only the 4 nearest dislocation neighbours impact a
dislocation, the configuration is in elastic equilibrium when ' ≃ 0.425 and ' = 1 (or when the
deviation angle is about 23° or 45°). Then, following the method presented in supplementary
materials 2, the critical passing stress for multipole configurations 3456 has been obtained
analytically and is about:
3456

≃ 0.419

!
"#1 − %&ℎ

(4)

Hence, the strength of edge dislocation dipole has been expressed analytically with equations
(2) and (4) as a function of the dipole height. These equations have been compared with the atomic
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simulations of nickel single crystal containing edge dislocation dipoles since unrealistic strain rate
has to be applied to shear the simulation cell (Wang et al., 2008).

Figure 2: Isolated edge dislocation dipole configuration (Kroupa, 1966) (a). Sketch of edge
dislocation multipole configuration, the grey dislocations represents the images of dislocation 2 (b).
Moreover, to observe the impact of hydrogen and vacancies on those dislocation
organisations, models based on solid solution strengthening theory have been used in this work. They
have been proposed in the literature to describe the interaction between impurities and mobile
dislocations as a function of the different dispersive states of the point defects (Fleischer, 1963;
Friedel, 1964; Kubin, 1993; Labusch, 1970). This dispersive state is represented with a dimensionless
parameter <= (Cahn and Haasen, 1996; Labusch, 1970):
<= =

> 2.@ AB
?
E
! C3D

(5)
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With > representing the interaction distance of the solute with the dislocation, which is often
evaluated between 2 and 3 times the Burgers’ vector (Kubin, 1993) and therefore, is about 2.5b in this
study. C3D is the maximum interaction force between solutes and dislocation, which depends on a
mean pinning coefficient F̄ (Kubin, 1993; Patinet and Proville, 2008) and AB the line tension of edge
dislocations, which is calculated from the classical estimation, i.e.: GB = ! ( ⁄2. The dislocation in
our calculations are dissociated, therefore the stacking fault needs to be taken into account, hence
GLe = 0.95GB (Patinet and Proville, 2008). Finally, we applied a well-known result from the isotropic
elastic theory in order to determine the line tension (Hirth and Lothe, 1982; Patinet and Proville,
2008):AL = GLe #1 − 2%&. When <= <<1, the observed hardening is due to dilute, strong obstacles
interacting with the dislocation. In this case, the classical model of Friedel-Fleischer (FF) adequately
represents the hardening of the material due to the solute and is written (Fleischer, 1963; Friedel,
1964):
K

LL

=

C3D .@
? E
! ( 2AB

(6)

However, when <= >1, the hardening is due to a more concentred, weak obstacles interacting
with the dislocation. The Mott-Nabarro-Labusch model is more adequate to describe the observed
hardening and it is written (Cahn and Haasen, 1996; Labusch, 1970):
K

NOB

=K

LL #1

+ 2.5<= &#

⁄P&

(7)

This set of equations has been used in the followings to question the data obtained by atomic
calculations.
3. Results
The aims of this study is to investigate why hydrogen hardens the wall phase and to understand
the consequence on the back stress obtained in the first part of the study. Therefore, we have evaluated
the stability of edge dislocation dipoles of nickel single crystal in the presence of hydrogen and
vacancies. However, we first have performed atomic calculations on edge dislocation dipoles on pure
nickel with two different potentials which can describe nickel and hydrogen atoms (Angelo et al.,
1995; Ko et al., 2011; Lee et al., 2003). A comparison of calculations performed with both potentials
is firstly presented for pure nickel. Then, we have incorporated hydrogen atoms into simulation cells
containing edge dislocation dipoles. After a careful relaxation of the simulation cells, the lasts have
been sheared in order to evaluate the critical passing stress
and this critical stress has been
compared with the analytical approach presented in the previous section of this manuscript. Finally,
we have also sheared simulation cells containing vacancies and vacancy clusters besides hydrogen in
order to evaluate their impact of the stability of edge dislocation dipoles.
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3.1 Relaxed dipole configurations at 0K
First, atomic calculations with EAM and MEAM potentials have been conducted on edge
dislocation dipoles of pure nickel. We have compared both potentials in order to use the most suited
one to study the consequences of hydrogen on the stability of edge dislocation dipoles. The
dissociation distance
and the deviation angle have been determined from the energy of each
atom into the simulation cell after the energy minimisation (detailed in section 2.1). The dissociation
distance has been defined as the distance between the two nickel atoms which have their highest
potential energy in the slip plane of each dislocation and the deviation angle has been defined as the
angle between the middle of the stacking fault ribbons of each dislocation. Both quantities have been
represented in figure 3 for multipole and isolated dipole configurations with EAM and MEAM
potentials as a function of the dipole height ℎ.
Calculations conducted with EAM potential present a larger dissociation distance for all
dipole height and both configurations. We noted QRN ~3 nm and NQRN ~2 nm, both values are in
agreement with the literature (Angelo et al., 1995; Clouet, 2006) when ℎ is larger than 10 nm and 6
nm (in case of multipole and isolated dipole configurations, respectively). In other words, when ℎ is
lower than these minimal distances, the dislocations are too close to be in elastic equilibrium.
The deviation angle of dipole has been also determined for different dipole heights ℎ. The
results are presented in figure 3(c) in the case of multipole configuration. When the calculations are
performed with an EAM potential, is different from zero for dipole heights between 10 nm and 45
nm. In this range, the angle’s values are between 22° and 25° and are in agreement with angle
calculated from equation (4) using the elastic theory of dislocations (equal to 23° for multipole
configuration). Calculations performed with the MEAM potential also present the deviation angle
which tends to 25° but for a smaller range, between 5 nm and 20 nm. Finally, figure 3(d) presents the
deviation angle results as a function of ℎ for isolated dipole configuration. In this case, the values of
are larger than 40° when ℎ is between 7 nm and 25 nm for the calculations with an EAM potential.
This interval is lower when the atomic calculations have been carried out with MEAM potential (the
interval is between 3.6 nm and 20 nm).
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Figure 3: Dissociated distance
of partial dislocations as a function of the dipole height in
multipole (a) and in isolated dipole (b) configurations. Deviation angle of the dipole as a function
of its height in multipole (c) and isolated dipole (d) configurations.
According to the isotropic elastic theory of dislocations, an isolated dipole of perfect edge
dislocations without external forces is stable when the deviation angle is equal to 0° and 45° (Friedel,
1964; Hirth and Lothe, 1982). In the vicinity of * = ℎ, a minor variation of has been noted when
the dislocations are dissociated (Veyssière and Chiu, 2007). Similar values of have been obtained
by atomic calculations at 0 K with both potentials. Moreover, according to the elastic theory of
dislocations, we have noted that is equal to 23° and 67° when a dislocation interacts with its four
nearest dislocation neighbours. With MD simulations, the deviation angle is approximately 23° when
ℎ is between 12 nm and 42 nm for EAM potential. When the calculations are performed with MEAM
potential, = ~23° for when ℎ is between 6 nm and 18 nm. The angle is equal to 0 when the height
ℎ of the dipole is beyond these intervals. It implies that dislocations are not too close or too far to
interact as a dipole according to the elastic theory of dislocations.
Therefore, the deviation angle is a better parameter than the dissociation distance to evaluate
the most suited potential for our study. A presentation of different multipole configurations with their
corresponding deviation angle is shown in table 1. Three regions have been defined as a function of
the dipole height ℎ. The first region corresponds to dipoles too close to each other, inducing a
deviation angle equal to 0. In this case, we obtain an aggregate, similar to a faulted dislocation dipole
(e.g. ℎ=1.2 nm in table 1) or an annihilation of dislocation, in agreement with the calculations made
in the literature (Essmann and Mughrabi, 1979; Wang et al., 2013, 2008). A second region
corresponds to dipole too far from each other, which also induces a deviation angle also equal to 0.
The investigation of such configuration would be similar to study two isolated dislocations (e.g.
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ℎ=36.6 nm with MEAM potential in table 1). Finally, the third region corresponds to dipoles with
their height in-between both regions (EAM: 10 nm<ℎ<45 nm and MEAM: 5 nm<ℎ<20 nm). In this
case, the dislocations are stable and are in elastic equilibrium. Thus, the hydrogen atoms have been
incorporated into these dipoles configurations. The same interpretation has been performed for
isolated dipole dislocations when the dipole height is around 45°. In the case of calculations with
EAM potential, the interval is 7 nm<ℎ<25 nm whereas the obtained interval is 3.6 nm<ℎ<20 nm for
calculations performed with MEAM potential. Assuming the multipole configuration is similar to a
Taylor lattice (equidistant dislocation dipoles), we obtain a dislocation density S equal to 1⁄#2ℎ( &
(Cai and Nix, 2016). Hence, when ℎ is between 10 nm and 45 nm, we get a dislocation density
between 2.5 × 10 T m-2 and 50 × 10 T m-2. These values are slightly larger than the density
measured in the first part of the study (~3.00 × 10 T m-2). However, no elastic interaction between
dislocation dipoles has been observed when h is larger than 45 nm. Therefore, we need to perform
the atomic calculations in this interval, but the simulation cell containing a dipole height of 48.8 nm
conduced to a dislocation densities in the range of the ones measured in the companion article
Although the EAM potential slightly overestimates the dissociation distance, we noted a larger
interval of dipole height where the configuration is in elastic equilibrium compared to MEAM
potential. Thus, the consequences of hydrogen and vacancies on the stability of edge dislocation
dipoles have been evaluated exclusively with EAM potential in the interval of dipole height described
previously.
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Table 1: 2D views of relaxed simulation cells for different dipole heights in a multipole
configurations with their corresponding deviation angle. For each image, the colour of each atom
correspond to its potential energy.
ℎ (nm)

1.2

EAM potential

MEAM potential
2D representation

2D representation

0°

0°

Epot > -4.35 eV

6.1

0°

23°

12.2

23°

23°
Epot < -4.45 eV

36.6

23°

0°
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3.2 Evolution of the critical passing stress of dipole in the presence of hydrogen
Hydrogen atoms have been incorporated into the tensile zone (with P>10 GPa) of both
dislocations of the dipole. However, it has been noted that this area is larger when the dipole height
ℎ is lower for both multipole and isolated dipole configurations. Therefore, a larger local hydrogen
concentration is obtained when ℎ is lower even if the same amount of hydrogen atoms is incorporated.
Table 2 presents the different local hydrogen concentrations, .@T== and .@V== correspond to
concentrations when 400 and 800 hydrogen atoms are incorporated into the simulation cells (or when
200 or 400 hydrogen atoms incorporated in both Cottrell’s atmosphere). Moreover, it has been also
noted that this area is identical for a given dipole height ℎ whether it is a multipole or isolated dipole
configurations.
Table 2: Radius of the Cottrell’s atmosphere W and the number of nickel atoms Ni in the Cottrell’s
atmosphere of the different simulations cells. .@T== and .@V== are the local hydrogen concentrations
when 200 and 400 hydrogen atoms have been respectively incorporated in both Cottrell’s atmosphere
of the dislocation dipole for the different simulation.
Local hydrogen concentration

ℎ (nm)

W (nm)
2.73

1.46

12.2

2.54

18.3

.@T== (1.10-2 H/Ni)

.@V== (1.10-2 H/Ni)

1.27

1.572

3.145

2.55

1.28

1.559

3.117

24.4

2.03

0.81

2.485

4.970

36.6

1.93

0.74

2.711

5.423

48.8

1.82

0.66

3.016

6.031

6.1

Ni

(1.104 at.)

1.368

2.735

The MD calculations of nickel-hydrogen systems aim to evaluate the stability of edge
dislocation dipoles in the presence of hydrogen. First, we have observed a reduction of the
dissociation distance when the solute is incorporated in the Cottrell’s atmosphere. Figure 4 presents
the observed decreases with the increase of hydrogen concentration. From the elastic theory of
dislocations, we can assume the stacking fault energy is inversely proportional to the dissociation
distance (Friedel, 1964; Hirth and Lothe, 1982; Hull and Bacon, 2011). Thus, an increase of the
stacking fault energy is noted when the solute is introduced. This result is in agreement with previous
calculations performed with empirical potentials (Tang and El-Awady, 2012; von Pezold et al., 2011).
However, this observation is valid only for edge dislocation dipoles. For dissociated screw
dislocations, hydrogen can be located in different area in the vicinity of the defect and can have an
opposite effect on the stacking fault energy (Delafosse, 2012; Tang and El-Awady, 2012). Such
behaviour is predicted with equations developed to describe the shielding effect of hydrogen in FCC
metals (Chateau et al., 2002; Delafosse, 2012) and impacts the dislocation density in wall phase.
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Figure 4: Dissociation distance as a function of the local hydrogen concentration in the vicinity of
edge dislocation dipoles.
Then, the simulation cells have been relaxed at 100 K and the last energy minimisation has
been performed at 0 K, before being sheared under a strain rate of 108 s-1 at 1 K (figure 5(a)). During
the shearing of the simulation cell, edge dislocations move in their glide plane.

Figure 5: Sketch of the simulation cell containing a dipole configuration, sheared at 1 K with a strain
rate of 1.10⁸ s⁻¹ (a). Corresponding stress-strain curves obtained when the dipole configuration has 0,
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400 and 800 H atoms, respectively (b). The critical passing stress of dislocation dipoles are
determined when the stress-strain curves lost its linear behaviour.
The resistance to this displacement due to dislocation/dislocation and dislocation/solute
interactions leads mostly to a linear relationship between and Z. The end of this linearity defines a
critical threshold for the breaking of dislocation dipoles, which can be assimilated to the critical
passing stress . Hence, we can determine this critical stress from the MD simulations, by evaluating
the end of the linear behaviour of the stress-strain curves. An example is given in figure 5.(b) (for an
isolated dipole configuration with a dipole height of 24.4 nm) while the other curves are available in
supplementary materials 3.
When hydrogen has been incorporated into the Cottrell’s atmosphere of both edge
dislocations, an increase of the critical passing stress has been noted. Hence, the evolution of the
resulted critical stress has been represented as a function of the dipole height for pure nickel and
nickel-hydrogen systems in figure 6. In addition, theoretical predictions by equations (4) and (2) have
also been drawn in figure 6(a) and figure 6(b), respectively for pure nickel. In the case of a solutefree multipole configuration, a slight difference is noted between the analytical results and the atomicscale calculations. This difference should mainly be due to the hypothesis that dislocation/dislocation
interactions are limited to its closest neighbouring dislocations (which are at a distance inferior or
equal to 2ℎ).

as a function of the dipole height for different hydrogen
Figure 6: Critical passing stress
concentrations in multipole (a) and isolated dipole (b) configurations (from models and MD
simulations). The dashed lines represents the evolution of #Ni-H& determined with the Friedel16

Fleischer model (equation (6)). The lines represent the evolution of the critical passing stress
calculated with the Mott-Nabarro-Labusch model (equation (7)). Critical stress
as a function of
the hydrogen concentration into the Cottrell’s atmosphere for isolated dipole configuration (c).
The analytical form of the critical passing stress of Ni-H systems
drawn assuming:
#Ni-H& =

#Ni& + K #.@ &

#Ni-H& has also been
(8)

With K #.@ & the hardening due to the solute, which has been described by models from
Friedel-Fleischer and Mott-Nabarro-Labusch (presented with dashed line and line in figure 6,
respectively). Finally, we assumed a maximum interaction force C3D about 1.4 × 10] = N. This
force is in the same order of the estimated 1 × 10] = N, which corresponds to the maximum
interaction force of an exclusively spherical distortion from impurities in materials (Haasen, 1979;
Kubin, 1993). The curves obtained from the FF model seems to underestimate the impact of hydrogen
while curves obtained with the MNL model gives critical stress in agreement with the atomic scale
calculations. This result is consistent since the solute has been incorporated homogeneously into the
Cottrell’s atmosphere of dislocations and the value <= has always remained larger to 1 for all hydrogen
concentrations. Finally, when the hardening obtained from MD simulations is represented as a
⁄
function of .@( P for different dipole height (figure 6(c)), a linear behaviour has been noted. This
observation confirms that hydrogen hardens according to the MNL model, hence the solute impacts
the stability of edge dislocation dipoles in nickel according to the solid solution strengthening theory.
However the results are in agreement with the analytical approach when the maximum interaction
force C3D is fixed at 1.4 × 10] = N. Therefore, in the first part of this discussion, we have to verify
this value.
3.3 Stability of edge dislocation dipole in the presence of vacancies.
Then, MD simulations have been performed with vacancies, in addition to hydrogen, since it
is well known that hydrogen and fatigue induce the formation of vacancies (Carr and McLellan, 2004;
Fukai, 2005; Man et al., 2009; Metsue et al., 2014; Saada and Veyssière, 2002). Therefore, vacancies
and hydrogen may occupy the same regions in the vicinity of edge dislocation dipoles. In
supplementary material 1, we noted that formed vacancies in the Cottrell’s atmosphere are not
stable without hydrogen. Consequently, we introduced vacancies in the configuration containing
hydrogen. Since these point defects have been formed before the thermal relaxation at 100K,
hydrogen atoms can segregate near vacancies during this thermal relaxation (an example of Cottrell’s
atmosphere containing hydrogen and vacancies has been presented in figure 7(a)). Therefore, we
have first evaluated the minimal distance between 100 hydrogen atoms and 100 vacancies presented
in figure 7(b).
When hydrogen is trapped into vacancies, the distance between them is about 0.176 nm
(Metsue et al., 2016). However, larger minimal distance between vacancy and hydrogen for the MD
simulations has been noted and is about 0.497 nm. This difference is observed because the diffusion
coefficient of vacancy is very low compared to the diffusion coefficient of hydrogen (Metsue et al.,
2016). The relaxation at 100 K allows the solute to move from tetrahedral to octahedral interstitial
sites but the temperature is not large enough to allow the diffusion of vacancy. However, hydrogen
atoms are still in the vicinity of vacancies, therefore, we have supposed that the formation of this
defect with the incorporation of hydrogen into the Cottrell’s atmosphere is enough to describe the

17

interaction hydrogen-vacancy-dislocation. Additionally, this configuration seems more realistic in
fatigue, where we have multiple sources of production of vacancies.

Figure 7: Cottrell’s atmosphere containing hydrogen around a dislocation with nickel atoms in grey.
The red colour indicates the nickel atoms has a hydrogen atom or a vacancy around it (the
coordination number of the atoms is different than 12). The atoms in blue represent hydrogen atoms
(a). Minimal vacancy-hydrogen distance distribution in Cottrell atmosphere around dislocation (b).
When the simulation cells are relaxed at 0K after the thermal relaxation in the presence of
vacancies, a decrease of the dissociation distance has still been noted but it was less important than
vacancy-free Cottrell’s atmosphere. Such results imply that vacancies induced by hydrogen
incorporation and cyclic loadings attenuate the effect of hydrogen on the increase of the stacking fault
energy.
Then, simulation cells containing vacancies have been sheared under the same conditions as
previously described (at 1K under a strain rate of 108 s-1). The critical stress
of simulation cells
with vacancies has also been evaluated from the obtained shear stress-shear strain curves. They have
been presented as a function of the height ℎ in figure 8(a) and figure 8(b) for multipole and isolated
dipole configurations, respectively. Previously, we noted an increase of following the MNL model
when hydrogen was incorporated into the Cottrell’s atmosphere of dislocations for both
configurations. When vacancies are formed (in addition to the incorporation of hydrogen), attenuation
of this increase is noted for each simulation.
Finally, we have also sheared atomic simulation cells containing isotropic sphere of vacancies
about 0.8 nm in each Cottrell’s atmosphere of the different simulation cells containing hydrogen
atoms. The results are also presented in figure 8(a) for multipole and figure 8(b) with isolated dipole
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configurations. We noted that when the vacancies are regrouped, the attenuation is larger for all dipole
heights for both configurations.

Figure 8: Critical passing stress
as a function of the dipole height for different hydrogen
concentration in multipole (a) and isolated dipole (b) configurations with and without vacancies and
vacancy clusters.
4. Discussion
The stability of edge dislocation dipoles of nickel single crystal in the presence of hydrogen
and vacancies has been investigated in order to understand the evolution of the back stress and
hydrogen hardening of wall phases noted in previous work (Hachet et al., 2019). The simulation can
be representative of the behaviour of edge dislocation dipoles containing in the wall phase of the
dislocation structures induced by fatigue. However, we only describe an established fatigue structure
and we questioned its stability when an external stress is applied. These conditions were not
representative to the dynamic of dislocation pattern under fatigue loadings; therefore, it was necessary
to use models from elastic theory of dislocations. We have obtained similar results with both methods
(critical passing stress for different dipoles height and concentration of hydrogen). Specific attention
has been realised to the understanding of hydrogen-vacancy-dislocation interactions. Calculations on
the stability of dipolar configurations in pure nickel have been firstly performed at 0 K using two
empirical interatomic potentials. Although calculations performed with MEAM potential have given
dissociation distances closers to ones reported in the literature (Clouet, 2006), dipoles seemed to be
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in elastic equilibrium for a wider range of dipole height when the calculations are performed with
EAM potential. Therefore, the stability of dipoles with hydrogen and vacancies has been conducted
with the potential of Angelo et al. (Angelo et al., 1995).
When hydrogen has been incorporated and the thermal relaxation performed, a decrease of
the stacking fault ribbon has first been noted. This effect can correspond to an increase of the stacking
fault energy obtained with empirical calculations (Tang and El-Awady, 2012; von Pezold et al., 2011)
and predicted with equations based on the shielding consequences of hydrogen (Chateau et al., 2002;
Delafosse, 2012) in FCC metals. Such behaviour is consistent with the noted increase of the
dislocation density in wall phase measured for cyclically pre-strained nickel-hydrogen systems at
different hardening stages, which are presented in part I of the study.
Moreover, in order to evaluate the stability of such configurations, we have evaluated the
critical passing stress
when the dipole has been sheared at 1 K with and without hydrogen and
vacancies. In parallel, an analytical approach has been developed using the elastic theory of
dislocations and the solid solution strengthening theory of these defects. MD simulations show that
hydrogen hardens the metal when it is incorporated in the Cottrell atmosphere of dislocation. In the
first part of the discussion, we purpose to verify the chosen value of C3D (supposed at 1.4 × 10] =
N).
Furthermore, we noted that when vacancies are formed in the Cottrell’s atmosphere containing
hydrogen, an attenuation of the effect of hydrogen is observed for all dipole configurations. In order
to understand the evolution of the back stress reported in the first part this work (Hachet et al., 2019),
it is mandatory to evaluate the concentration of vacancies formed by the incorporation of hydrogen
when it is pre-charged electrochemically and chemically. The second part of this discussion is focused
on these measurements in addition to the correlation between the calculations performed at the atomic
scale with the results obtained at macro-scale.
4.1 Validation of the MNL model used to describe the hardening of edge dislocation dipoles due to
hydrogen incorporation
We purpose to verify the chosen value of maximum interaction force by determining the
K #^@ & from the segregation energy _ ` of hydrogen atoms of a sheared simulation cell containing
dislocation dipoles (here, we choose an isolated dipole configuration with ℎ=18.3 nm). As a reminder,
when 200 hydrogen atoms are incorporated into each Cottrell’s atmosphere of this configuration, we
have noted K #^@ & equal to 127 MPa with equation (7).
In the followings, we have assumed that the hydrogen segregation of each atoms _
difference of energy equal to (Hull and Bacon, 2011):
_

`

= _6 6 #*& − _6 6 #* = 0&

`

is the

(9)

With _6 6 #*& the internal energy of the hydrogen atoms when the dislocation moves from *
nm along its glide plane and _6 6 #* = 0& the energy of each solute when the dislocation is at its initial
position before the shearing of the simulation cell. For the sake of clarity, we have assumed that each
hydrogen atom has been situated in the centre of the Cottrell’s atmosphere, then we have analytically
expressed the hydrogen segregation energy of the solutes calculated with MD simulations as a
function of the position of the dislocation in its glide plane via (Hull and Bacon, 2011):
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G

`

= a_

= −b

`

-=
× 0@
#* ( + -=( &(

(10)

With 0@ the number of hydrogen atoms, -= the distance between the centre of the Cottrell’s
atmosphere and the middle of the stacking fault of the dissociated dislocation along the Y axis and b
a coefficient equal to (Hull and Bacon, 2011):
b = c × ! × dR × |f|

(11)

c and dR correspond to the isotropic shear modulus and the atomic volume of nickel,
respectively. dR is equal to 10.93 × 10]P nm³/At and the shear modulus has been calculated from
the Voigt-Reuss-Hill average of the elastic constants determined by ab initio calculations in previous
study (Hachet et al., 2018). Finally, the value |f| corresponds to a distortion parameter due to the
incorporation of the solute, equal to (Kubin, 1993):
1

|f| =

.@

(12)

From the relative expansion of Ni-matrix from the incorporation of hydrogen presented in the
supplementary materials of previous study (Hachet et al., 2018), we obtain |f| = 6.7%. Hence, the
segregation energy of hydrogen atoms has been determined as a function of the position of the
dislocation from atomic calculations and with equation (10). The result has been presented in figure
9(a). The analytic expression follows the evolution determined by calculation with MD simulations.
Therefore, the projected interaction force j ` between the solutes and the dislocation in the x
direction has been calculated by deriving equation (10), i.e.:
j

`

=

G

*

`

=

2b-=
× 0@
#* ( + - = &(

(13)

Figure 9(b) presents the evolution of this force as a function of the position x. The force has
a maximum (j3D = 2.86 × 10] ( ) when the distance between the centre of the Cottrell
atmosphere and the middle of the dissociated dislocation along the X axis is equal to 1.87 nm. Thus
the maximum stress
` needed to break the elastic equilibrium between the solutes and the
dislocation can be deduced using the following expression:
`

=

j `
! × lm

(14)

With lm the length of the dislocation line along the Z axis (equal to 16 × n3⁄2, for this
configuration). Hence, we deduced a maximum segregation stress ` equal to 166 MPa. This stress
is close to the 127 MPa determined using the MNL model and validates the analytical approach used
in this work. It also confirms that hydrogen hardens dislocations following the solid solution
strengthening theory.
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Figure 9: Evolution of the segregation energy of hydrogen atoms with the dislocation position along
its slip plane from MD simulations and equation (10) (a). Interaction force between the Cottrell
atmosphere and the dislocation deduced from equation (13) (b).
Finally, when vacancies are formed in addition to the incorporation of the solute, we noted an
attenuation of this hardening. Figure 10 presents an increase of the critical stress as a function of
⁄
.@( P with and without vacancies homogeneously distributed or regrouped as an isotropic spherical
cluster. We noted the behaviour of
is still linear in the presence of vacancy. In other words, the
critical stress still follows an additive forms depending on the solute concentration with a correction
factor, which depends on the elastic distortion of the defect. This result is complementary to EAM
calculations performed by Tehranchi et al. where the authors have observed that vacancies formed
homogeneously in the vicinity of edge dislocations in nickel single crystal increased the required
stress to move the dislocation (Tehranchi et al., 2017). Furthermore, a larger attenuation is noted for
all hydrogen concentration when these defects have been regrouped as a vacancy cluster. Therefore,
vacancies clusters have a larger impact on the stability of edge dislocation dipoles than
homogeneously distributed vacancies in the presence of hydrogen.
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Figure 10: Increase of critical stress
as a function of the hydrogen concentration into the Cottrell
atmosphere for isolated dipole configuration.
Since vacancies, besides hydrogen atoms, have an impact on the stability of edge dislocation
dipoles, they should impact the wall phase induced by fatigue. Therefore, the concentration of
vacancies needs to be quantified when the solute has been pre-charged electrochemically and
chemically in nickel single crystal in order to explain the noted evolution of the back stress presented
in the first part of this study (Hachet et al., 2019).
4.2 Evolution of the back stress: determination of the vacancy concentration for the different hydrogen
charging mode
From atomic calculations, we noted that hydrogen hardens edge dislocation dipoles, but
vacancies and vacancy clusters induced by hydrogen incorporation attenuate the impact of the solute.
In order to verify the consequences of this result at the macroscale, we have determined the vacancy
concentration of electrochemically and chemically pre-charged (charging methods described in part
I of the study) nickel single crystal. The vacancy concentration has been determined through
differential scanning calorimetry (DSC) measurements. The samples have been pre-charged under
the same conditions as detailed in the previous article with several hydrogen charging time. To
6
from the heat
determine the concentration of vacancies ^oDp , we first evaluated stored energy GoDp
flow curves, then ^oDp has been using the following equation (Oudriss et al., 2012; Setman et al.,
2008):
^oDp =

6
GoDp
R
×
_oDp qNi

(15)

With _oDp the formation energy of vacancies in nickel single crystal, determined at 1.49 eV at
300 K with ab initio calculations (Metsue et al., 2014a), R the Avogadro number, qNi the molar
mass of the host metal. More details of the experimental procedure and the analysis of the DSC curves
to determine the vacancy concentration ^oDp are given in supplementary material 4. The measured
vacancy concentration is presented in figure 11(a) when the solute is incorporated electrochemically
at 298K and chemically at 323K. Although the hydrogen concentration is larger when the solute is
incorporated chemically, a lower vacancy concentration is noted. Such evolution can be explained by
the temperature of the solution (equal to 323 K), which is large enough to observe vacancy
annihilation, but also it can be explained by the hydrogen charging time. For a given amount of
hydrogen incorporated into the sample, the hydrogen charging time is lower when it is incorporated
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chemically than when it is incorporated electrochemically. Therefore, fewer vacancies have been
formed when the solute is incorporated chemically.
Hence, the behaviour of cyclically strained nickel single crystal can be described from these
DSC measurements, the composite model of the dislocation structures induced by fatigue described
in part I of this study and the MD calculations performed on the stability of edge dislocation dipoles.
In the first part of the study, a softening has been observed for hardening stages II0 and III0 when
hydrogen is pre-charged in nickel single crystal, in addition to a minor hardening noted in the stage
III. Then, the saturated stress has been decomposed into internal stresses corresponding to the short
and long-range interactions of dislocations called effective
and back
stresses, respectively.
Assuming the dislocation structures induced by fatigue is similar to a composite model composed of
channel and wall phases, we noted that hydrogen reduces the effective stress for all plastic strain
amplitudes and has a more complicated impact on the back stress. Since the plastic flow is easier in
channel phase than in wall phase, we suggest that the effective stress corresponds to the stress induced
by channel phase p (Feaugas, 2003; Mughrabi, 1988, 1983). Using the composite model of
dislocation structures, the back stress can be written as follows:
= Cr × #

r

−

p&

(16)

With Cr , the fraction of wall structures, evaluated in part I of the study. Then assuming a
Taylor’s hardening of each dislocation phase, the stresses induced by channel p and wall r phases
can be written:
p
r

= Fp #^oDp &!nSp #^@ &

= Fr #^oDp &!nSr #^@ & + K

r #^@ , ^oDp &

(17)
(18)

With ! the Burgers vector, F the hardening coefficient which depends on the hardening stage,
but has a minor variation when hydrogen is incorporated. The shear modulus #^oDp & depends on the
elastic constants of the nickel-hydrogen systems. In previous work, we have observed that hydrogen
has a minor effect on such constants but defects induced by the incorporation of the solute have a
more important impact (Hachet et al., 2018). In channel phase, the solute reduces p which also
reduces dislocation densities of this phase Sp . However, when the solute has been chemically and
electrochemically incorporated two different behaviours on the back stress have been highlighted.
Therefore, from the measurements of Sr in part I of the study, the DSC measurements and these
calculations, we suggest the stress induced by wall phase still follows a Taylor hardening. However,
it also follows a hardening according to solid solution theory, which depends on the concentration of
hydrogen and vacancies.
Thus, when hydrogen is incorporated chemically, a relatively large hydrogen concentration
(~8.10-4 H/Ni) with a relatively low vacancy concentration (~3.10-4 Vac/Ni) is introduced. In this
case, hydrogen in Cottrell’s atmosphere hardens the edge dislocation dipoles and increase the back
stress for all plastic strain amplitudes according to solid solution theory (mechanism 1 in figure
11(b)). However, when the solute is incorporated electrochemically, the vacancy concentration is
approximately identical to the concentration of hydrogen (~4.10-4 Vac/Ni and ~4.10-4 H/Ni,
respectively). The vacancies due to hydrogen incorporation, which are present in Cottrell atmosphere,
attenuate the hardening due to hydrogen and reduces the back stress for all plastic strain amplitudes
(mechanism 2 in figure 11(b)).
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Figure 11: Vacancy concentration as a function of the hydrogen concentration when the solute is
introduced electrochemically and chemically (a). Back stress
of Ni-H systems with several
hydrogen concentrations as a function of the plastic strain amplitude (b).
5. Conclusions
In the second part of this study, we have conducted atomic calculations on edge dislocation
dipoles in nickel single crystal in order to evaluate their stability in the presence of hydrogen,
vacancies and vacancy clusters. The results presented in this work are:
•
•
•
•

In case of hydrogen and vacancies free simulation cells, we noted that calculations with
MEAM potential presents dissociated dislocations more in agreement with the literature (the
dissociation distance is closer the ones calculated from the stacking fault energy).
The dislocation-dislocation interaction is in agreement with the elastic theory of dislocation
for a wider range of dipole height in case of calculations performed with EAM potential.
The stability of edge dislocation dipoles in nickel with hydrogen and vacancies has been
evaluated by determining the critical passing stress of the system from numerical and
analytical approaches.
Hydrogen in Cottrell’s atmosphere hardens the dislocation dipoles following a Mott-NabarroLabush model. Vacancies and vacancy clusters attenuate this result.
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•
•

The attenuation of vacancies is more important when they are regrouped as clusters than when
they are homogeneously regrouped.
The complex behaviour of the back stress noted in the first part of this study has been affiliated
with the stress induced by walls structure. When hydrogen is incorporated chemically, the
large concentration of hydrogen and the low concentration of vacancies induced a hardening
following the solid solution strengthening theory. In contrast, when hydrogen is incorporated
electrochemically, the concentration of hydrogen is approximately equal to the concentration
of vacancy. These defects attenuate the consequences of the solute on edge dislocation dipoles.

From this study composed of two articles, we managed to characterise the effect of hydrogen
on the cyclically strained nickel single crystal oriented for multi-slips at different length scales. We
noted that hydrogen effect implicates antagonist processes (hardening and softening) at different
scales. The softening process is associated to a decrease of the dislocations densities in the channel
phase, in addition to the formation of vacancies clusters which affects the elastic properties. The
hardening process occurs mainly in wall phase with the segregation of hydrogen in elastic field of
edge dislocations dipoles.
Kinetic effects of hydrogen should be also considered, the first results of jump frequency has
been previously performed (Metsue et al., 2018) and will be investigated in the future. Moreover,
previous numerical study has highlighted the formation of nanohydride around edge dislocations
which induces a strong and short-range shielding effect (von Pezold et al., 2011). Such effect should
also be investigated in contrast with the consequences vacancy formation around dislocations in our
future studies
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